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Abstract
The eﬀects of impurities on the intergranular penetration of Bi based liquids in polycrystalline Ni at 700 °C were systematically investigated. In comparison with a nominally pure Ni (99.9945%), the presence of a total amount of <0.5 at.% impurities of Mn, Fe and Si in
the Ni increased the penetration length by six times when a near-equilibrium Bi–Ni liquid was applied; when an initially pure Bi liquid
was applied, this increment further enlarged to 20 times in the initial penetration stage. In a second set of controlled experiments, the
addition of Mn, Sn and Fe to the liquid Bi–Ni all enhanced the intergranular penetration, but produced diﬀerent kinetics and morphologies. We extended a concept that was initially proposed in the Rice–Wang model for grain boundary embrittlement to explain our
observations of the impurity-enhanced intergranular penetration based on a theory that segregation of an impurity could reduce the
grain boundary energy more rapidly than the solid–liquid interfacial energy. Correspondingly, a new analytical model for the eﬀect
of adding a third impurity on changing the equilibrium dihedral angle and the associated intergranular penetration kinetics has been
derived for the dilute solution limit. Furthermore, we demonstrated that the interplay of bulk phase equilibria, interfacial segregation,
transport (dissolution, precipitation and diﬀusion) processes and stress generation could eﬀectively explain a variety of diﬀerent intergranular penetration behaviors and morphologies that have been observed in the experiments conducted using 10 diﬀerent combinations
of the solid and liquid metals. The framework for understanding the impurity eﬀects on intergranular liquid penetration developed in this
study can be applied to other materials systems. This study has practically importance for understanding and controlling liquid metal
corrosion and embrittlement.
Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The chemical and mechanical stabilities of polycrystalline solid metals in contact with liquid metals are important
for understanding and controlling hot dip galvanization,
welding, soldering and other materials processes [1–13].
Compatibilities of solid and liquid metals are especially
important for the safe usages of liquid metals in the cooling
circuits in nuclear reactors, as well as in spallation targetbased nuclear energy generation and nuclear waste incineration systems [1–9,13]. Speciﬁcally, when polycrystalline
⇑ Corresponding author. Tel.: +1 864 656 5961; fax: +1 864 656 1453.
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solids are in contact with certain liquids, deep grain boundary (GB) grooves can develop and liquids can quickly penetrate into the GBs. This has been studied in the context of
two related, technologically important, materials phenomena: liquid metal corrosion [5–9,13] and liquid metal
embrittlement [1–4,10–12,14–16].
On the one hand, liquid metal corrosion studies focus on
the dissolution at the solid–liquid interfaces. When polycrystalline solids metals are used, preferential intergranular dissolution and penetration are the dominant corrosion
processes in many systems. Recently, there has been an
increasing number of studies of liquid metal corrosion owing
to their applications in nuclear reactors, and these have been
documented in several review articles [5–7,13]. However,
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most of the prior studies were focused on the macroscopic
level; little work has been conducted to investigate the microstructural aspects. In particular, the intergranular penetration and its controlling factors are not understood. We
recognize that the impurity eﬀects on liquid metal corrosion
have been investigated in the context of seeking corrosion
inhibitors, particularly for the system of steels in contact with
the Pb–Bi liquid, because of their applications in advanced
nuclear reactors. It was proposed that the addition of Zr
and Ti can signiﬁcantly inhibit the liquid metal corrosion
of carbon steels and low-alloy steels, but it does not have
much eﬀect on the stainless steels [5–7,17]. However, we
should point out that these corrosion inhibitors prevent the
dissolution of solids by promoting the formation of protective oxide layers on the solid surfaces. This study is focused
on the impurity eﬀect of intergranular penetration without
surface native oxide layers (where surface oxide layers were
removed prior to intergranular penetration experiments).
To the best of our knowledge, despite it being practically
important in part because it represents the late stage of corrosion after breaking the native oxides [13], no such study
been systematically conducted before.
On the other hand, the intergranular penetration in NiBi, Cu-Bi and Al-Ga binary systems (where the primary/
solid phases are underlined) has been investigated in the
context of liquid metal embrittlement [1–3,10–12,14,15],
where the intergranular penetration and the adsorption
of the liquid metal species at the GBs in front of the penetration tips can cause brittle intergranular fracture at
unusually low stress levels. Most of these studies have been
conducted for binary systems only. The eﬀects of adding a
third impurity have not been systematically assessed, and
this motivated our study.
Investigating the impurity eﬀects on intergranular penetration is important for at least two reasons. First, engineering materials are rarely used as their pure form. The
presence of impurities or internally added alloying elements prevails in most structural metals as well as liquid
metals. Second, understanding the impurity eﬀects can
oﬀer a way to intentionally control the intergranular penetration, as well as the related corrosion and
embrittlement.
In this study, we selected Ni–Bi as the model system.
We demonstrate – for the ﬁrst time to our knowledge –
signiﬁcant enhancements in intergranular liquid metal
penetration upon adding small amounts of impurities in
either the solid phase or the liquid. Furthermore, we propose a general framework to explain such impurity eﬀects
on intergranular liquid penetration; speciﬁcally, we derive
a new analytical model for the impurity eﬀect for the
dilute solution limit, and we further systematically demonstrate how the interplay of the bulk phase equilibria,
interfacial segregation, diﬀusion, dissolution, precipitation
and stress generation can result in a variety of diﬀerent
intergranular penetration behaviors and morphologies.
These new ﬁndings, as well as the model and framework
developed in this study, are generally useful for

understanding and controlling liquid metal corrosion
and embrittlement phenomena.
Recent studies have suggested that GBs can be considered as discrete interfacial phases [18–24], and a series of
generic GB phases (also called “complexions”) have been
discovered experimentally [18–21,25–29]. In particular, a
bilayer interfacial phase, which was hidden in prior studies
because it is not clearly discernible under conventional
high-resolution transmission electron microscopy, was
recently observed at the general (large-angle, low-symmetry, random) GBs in the Ni–Bi binary system by aberration-corrected, high-angle annular dark-ﬁeld (HAADF)
scanning transmission electron microscopy (STEM) [30].
In general, the formation of interfacial phases can drastically change the microstructural evolution and materials
properties [18–21,25,29,31,32]. Speciﬁcally, a series of studies have been conducted to probe GB phase formation and
their implications in metallic alloys [29–39]. The present
study demonstrates the signiﬁcant eﬀects that the addition
of a relatively minor amount of a third impurity has on the
GB/interface controlled intergranular penetration, and it
could motivate future investigations to characterize the
underlying atomic-scale interfacial structures and to probe
possible interfacial phase behaviors.
2. Experimental procedure
Polycrystalline Ni foils with nominal purities of 99.9945
and 99.5% (atomic percentages) were purchased from Alfa
Aesar Company. They are referred to as to “pure” and
“impure” Ni, respectively, in the following text. The main
impurities in the impure (99.5%) Ni foils are Mn
(0.21 at.%), Fe (0.14 at.%) and Si (0.1 at.%). The asreceived pure and impure Ni foils had initial average grain
sizes of 75 and 25 lm, respectively; the impure foils were
then annealed at 900 °C for 2 h to obtain an average grain
size of 75 lm, to be comparable to that of pure Ni foils.
All Ni foils were ground with silicon carbide lapping ﬁlms
(up to 1200 grits), ﬁne polished with 1.0 and 0.3 lm alumina suspensions, and cleaned in pure acetone. The polished side of the Ni foils was put in contact with the Bi
powders or (pre-made) 1Bi–0.36Ni alloy beads in an alumina boat. The1Bi–0.36Ni alloy (i.e. 73.5 at.%
Bi + 26.5 at.% Ni; for simple comparisons, we usually use
atomic ratios to label the starting liquid/alloy compositions
and normalize the ratios to 1Bi), which has an equilibrium
liquidus composition at 700 °C based on the Ni–Bi phase
diagram [40], was made and used in most penetration
experiments to avoid dissolution of the Ni from the solid
foils into the liquids. The alumina boat was placed in a horizontal tube furnace in a ﬂow of a forming gas (95 mol.%
Ar + 5 mol.% H2). Ti sponges were used as a getter to help
to remove/reduce the remaining oxygen and moisture.
To investigate the eﬀects of impurities in the melts, Mn,
Sn and Fe were individually added to the 1Bi–0.36Ni alloy
(liquid metals at 700 °C). Two sets of Bi–Ni–M (M = Mn,
Sn or Fe) alloys were made. In the ﬁrst set, 1 at.% of M was
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added to 1Bi–0.36Ni alloys to attain the composition of
1Bi–0.36Ni–0.014M. In the second set, 5 wt.% of M was
added to 1Bi–0.36Ni alloys to attain the compositions of
1Bi–0.36Ni–0.21Mn, 1Bi–0.35Ni–0.10Sn and 1Bi–0.36Ni–
0.21Fe, respectively (i.e. 13.3 at.% Mn, 6.7 at.% Sn and
13.1 at.% Fe, respectively, in the alloys). These pre-made
ternary Ni–Bi–M alloy beads were also placed on the top
of the polished Ni foils to conduct isothermal penetration
experiments to examine the eﬀects of impurities when they
were added in the starting liquids.
All specimens were annealed at 700 °C for various durations, then quenched in water to preserve the high-temperature structures. Note that most of our binary (Ni–Bi) and
ternary (Ni–Bi–M) systems exhibit only two equilibrium
bulk phases upon annealing of 700 °C: an Ni-rich solid
body-centered cubic phase and a Bi-rich liquid phase; the
only exception is that, with the addition of 5 wt.% Sn, a
third phase (Ni3Sn) was precipitated. Quenched specimens
were cut transversely and the cross-sectional specimens
were examined using a Hitachi SU6600 ﬁeld-emission scanning electron microscope (SEM) equipped with an energydispersive X-ray (EDX) spectroscopy analyzer.
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3. Results
3.1. The Ni–Bi binary system
Direct exposure of a solid pure (99.9945%) Ni to an
equilibrium Bi–0.36Ni liquid resulted in the formation of
grooves and liquid penetration along the GBs of the pure
Ni. In this experiment, the starting liquid (Bi–0.36Ni) was
in chemical equilibrium with Ni (noting that the solid Ni
phase has virtually no solubility of Bi); thus there was no
overall dissolution of Ni into the Bi-rich liquid during the
annealing. Fig. 1a shows a cross-section of a typical groove
formed in a sample that was annealed at 700 °C for 5 h and
quenched. The dihedral angles (h) were measured individually, and the distribution of the measured dihedral angles
for the specimen annealed at the 700 °C for 5 h is shown
in Fig. 1b. The average dihedral angle was measured to
be 44.7° and the corresponding standard deviation was
19.6o. Presumably, the boundary-to-boundary variations
were related to the diﬀerent crystallographies of the individual GBs. Moreover, the measured dihedral angles were
two-dimensional (2-D) projections of the true 3-D dihedral

Fig. 1. Summary of the results of the intergranular penetration of the equilibrium Bi–Ni liquid in pure Ni at 700 °C. (a) A cross-sectional SEM
micrograph of a typical GB groove after annealing for 5 h. L is the penetration length and h is the dihedral angle at the penetration tip. (b) The distribution
of measured dihedral angles at diﬀerent GBs in this specimen. (c) Measured average dihedral angle and (d) penetration length vs. annealing time. (e) In a
specimen that was annealed at 700 °C for 16 h, the liquid penetration length exceeded the grain size.

152

K.M. Asl, J. Luo / Acta Materialia 60 (2012) 149–165

Fig. 2. Intergranular fractures were evident in the SEM micrographs of the (a) cross-sectional and (b) fracture surfaces.

Table 1
Summary of the measured penetration length (mean ± 1 standard deviation, lm) for experiments performed under various conditions.
Solid Ni

Starting liquid composition

Annealing time
0.5 h

1h

5h

8h

10 h

16 h

“Pure” 99.9945% Ni

1Bi–0.36Ni
Pure Bi
1Bi–0.36Ni–0.014Mn
1Bi–0.36Ni–0.21Mn
1Bi–0.36Ni–0.014Sn
1Bi–0.35Ni–0.10Sn
1Bi–0.36Ni–0.014Fe
1Bi–0.36Ni–0.21Fe

9±4
9.5 ± 5

16 ± 7

31 ± 15
38 ± 17
95 ± 14
524 ± 63
338 ± 19
380 ± 27
292 ± 18
337 ± 48

51 ± 14

77 ± 22

97 ± 34

“Impure” 99.5% Ni 0.21% Mn
0.14% Fe 0.1% Si

1Bi–0.36Ni
Pure Bi

angles, producing further variations; however, the average
dihedral angles measured in 2-D cross-sections should theoretically be identical to the average dihedral angle in three
dimensions after making a signiﬁcant number of measurements [41]. Fig. 1c indicates that after approximately 5 h
the average dihedral angle reached a steady state. We also
measured the average liquid penetration length (L) as a
function of time (Fig. 1d). After 5 h, the liquid penetration length exceeded the Ni grain size (Fig. 1e). Intergranular fractures were often evident (Fig. 2), indicating GBs
were embrittled. It was well established that the adsorption
of Bi at Ni GBs in front of the penetration tips embrittled
the GBs, a phenomenon known as “liquid metal embrittlement” [2,4,10,11].
In an additional experiment, we used the initially pure Bi
liquid to penetrate the polycrystalline pure (99.9945%) Ni
at the same temperature. Here, there should be a net dissolution of Ni into the Bi-rich liquid in the initial stage of
annealing until the liquid composition reached the equilibrium (1Bi–0.36Ni). EDX analysis of the water-quenched
specimens showed that the liquid had reached the equilibrium composition on the liquidus line at 700 °C (i.e. 1Bi–
0.36Ni or 73.5 at.% Bi + 26.5 at.% Ni) after 5 h. The average dihedral angle was measured to be 41.3 ± 17.8°, which
was roughly the same as the measured average dihedral
angle when the equilibrium 1Bi–0.36Ni was used as the
starting liquid (44.7 ± 19.6°). This again suggested that dissolution was completed and a chemical equilibrium was
reached after 5 h (even if the starting liquid was pure Bi).

264 ± 18

187 ± 7

176 ± 18
>200

Fig. 3. Comparison of the intergranular penetration lengths (Ls) when
pure Ni foils were annealed in contact with an equilibrium 1Bi–0.36Ni
liquid and an initially pure Bi liquid, respectively, at 700 °C for 5 h.

The average penetration lengths after annealing for 5 h
were measured to be 31 and 38 lm when the starting liquid
was 1Bi–0.36Ni and pure Bi, respectively (Table 1 and
Fig. 3). The slight increase in penetration length when pure
Bi was used as the starting liquid can be attributed to the
dissolution eﬀect.
3.2. Impurities in the solid Ni
Fig. 4 shows a comparison of the intergranular penetration of the equilibrium 1Bi–0.36Ni liquid in pure
(99.9945%) and impure (99.5%) Ni. Speciﬁcally, the
cross-sectional SEM images of intergranular liquid penetration of pure and impure specimens of similar grain size
after annealing for 5 h are shown in Fig. 4a vs. c, respectively; here, the presence of 0.5 at.% impurities
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Fig. 4. The intergranular penetration of the equilibrium Bi–Ni liquid was signiﬁcantly faster in (c) an impure Ni specimen (99.5% Ni, 0.21% Mn, 0.14% Fe
and 0.1% Si) than that in (a) a pure (99.9945%) Ni specimen of a similar grain size. (b) The measured average penetration lengths for cases (a) vs. (c). (d)
The intergranular penetration of the equilibrium Bi–Ni liquid in an impure specimen of a smaller average grain size. (e) and (f) Enlarged images of the
circled area of panels (c) and (d), respectively. In all cases, the Ni specimens were brought into contact with equilibrium 1Bi–0.36Ni liquids and annealed at
700 °C for 5 h.

(0.21 at.% Mn, 0.14 at.% Fe and 0.1 at.% Si) in the Ni solid
resulted in a 6-fold increase in the average liquid penetration length (Fig. 4b). At the same time, the average dihedral angle decreased signiﬁcantly, from 44.7 to 5° (<10°
generally; Fig. 5); however, accurate measurements of the
dihedral angle in the impure specimens were diﬃcult
because of the frequent breaking up of the thin liquid tips
during cooling/solidiﬁcation and the further smearing of Bi
by the electron beam irradiation in the SEM (Fig. 5). The
similar impurity enhancement eﬀect was also evident in
an impure Ni with a smaller grain size (Fig. 4d and f).
When the pure Bi was used as the starting liquid, this
impurity eﬀect of enhancing penetration was even more
pronounced, as vividly demonstrated in Fig. 6a vs. b. This
eﬀect was particularly signiﬁcant in the initial stage, when
Ni was dissolving into the liquid. The average penetration
lengths after annealing for 0.5 h in the 99.9945 and
99.5 at.% Ni foils were measured to be 9.5 and 187 lm,
respectively (Table 1); this represents an 20-fold increase
(Fig. 6c), which is in contrast to the observation that apply-

ing initially pure Bi (vs. an equilibrium 1Bi–0.36Ni liquid)
increased the penetration length in the pure Ni by only
23% (Fig. 3).
The evolution of liquid penetration as a function of time
in the impure Ni foil is shown in Fig. 7. As shown in
Fig. 7b–d, the apparent dihedral angle decreased from
44.7° (in 99.9945% Ni) to <10° (in 99.5% Ni), though the
exact angle could not be measured accurately because the
very thin Bi penetration tips broke during solidiﬁcation
(Fig. 7c and d). The widths of the channels increased with
increasing annealing time (Figs. 6a and 7e and f), and this
increase was more signiﬁcant in the early stage (Fig. 7a vs.
e). This was presumably related to the dissolution of Ni,
which will be discussed further in Section 4.4.
3.3. Impurities in the Ni–Bi liquid
In a second set of controlled experiments, we added Fe,
Mn and Sn (separately) into the 1Bi–0.36Ni liquid. As
shown in Fig. 8, the addition of these impurities into the

154

K.M. Asl, J. Luo / Acta Materialia 60 (2012) 149–165

Fig. 5. Representative images of the tips of the intergranular penetration of the equilibrium Bi–Ni liquid in the impure (99.5%) Ni. The apparent dihedral
angles appeared to be signiﬁcantly smaller (5°) than those in the pure (99.9945%) Ni (see e.g. Fig. 1a). However, the liquid channels were broken during
the solidiﬁcation and the tips were further smeared by the e-beam irradiation in SEM, making accurate measurements of the dihedral angles diﬃcult.

Fig. 6. The eﬀect of the purity of the Ni specimen on the intergranular penetration was even more signiﬁcant when the Ni specimens were brought into
contact with initially pure Bi liquids. SEM cross-sectional images of (a) a pure (99.9945% Ni) specimen and (b) an impure specimen (99.5% Ni, 0.21% Mn,
0.14% Fe and 0.1% Si) of similar average grain sizes of 75 lm after annealing in contact with initially pure Bi liquids at 700 °C for 5 h. (c) The measured
average penetration lengths for pure and impure Ni foils after annealing in contact with initially pure Bi liquids at 700 °C for diﬀerent durations.

liquid signiﬁcantly changed the GB wetting and intergranular penetration behaviors in pure Ni foils. The eﬀects of
adding 1 at.% and 5 wt.%, respectively, of these three
impurities to the 1Bi–0.36Ni liquid on the measured average penetration lengths are shown in a bar chart in Fig. 9
and listed in Table 1. Moreover, the morphologies and
kinetics of the intergranular penetration were diﬀerent in
each of the three cases (Fig. 7), as will be discussed in
Section 4.4.

First, for specimens annealed at 700 °C for 5 h, the addition of 1 at.% Mn to the 1Bi–0.36Ni liquid (to form 0.1Bi–
0.36Ni–0.014Mn) resulted in an increase in the liquid penetration length of 3-fold, from 31 and 95 lm (Fig. 8a vs.
c); adding a large amount of Mn (5 wt.% Mn, i.e. 1Bi–
0.36Ni–0.21Mn) resulted in a more pronounced increase
in the penetration length of 17-fold (to 524 lm;
Fig. 8d). These results indicate that in this system the liquid
penetration length depended on the amount of Mn added.
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Fig. 7. The time evolution of the intergranular liquid penetration in the impure (99.5% Ni, 0.21% Mn, 0.14% Fe and 0.1% Si) specimens after being
brought into contact with initially pure Bi liquids and annealed at 700 °C for (a)–(d) 0.15 h, (e) 1 h and (f) 5 h, respectively. In (c) and (d), Bi-based
penetration tips were presumably broken during solidiﬁcation and probably further smeared by the e-beam irradiation in SEM.

The eﬀect of time on the penetration of the pure Ni with
5 wt.% Mn in the liquid (1Bi–0.36Ni–0.21Mn) is shown in
Fig. 10, which illustrates that the liquid penetration was
more signiﬁcant in the early stage. The EDX investigation
of the quenched specimens with diﬀerent amounts of Mn
added to the liquid also revealed interesting features. As
shown in Fig. 11, after annealing at 700 °C for 5 h, the Bibased liquid (which was solidiﬁed in quenched specimens)
no longer contains a signiﬁcant amount of Mn (<1%); Mn
was rejected from the liquid and diﬀused into the Ni grains.
The concentration of Mn in Ni grains was higher in the
areas near the bulk liquid, indicating a diﬀusion process.
Second, the addition of 1 at.% Sn to the 1Bi–0.36Ni
liquid resulted in an 11-fold increase in the liquid penetration length, from 31 to 338 lm, for specimens annealed
at 700 °C for 5 h (Fig. 8a vs. f). This enhancement eﬀect
was more signiﬁcant than that after adding the same
amount of Mn. However, unlike the case for Mn, adding
a large amount of Sn (5 wt.% Sn, i.e. 1Bi–0.36Ni–0.10Sn)
did not result in any further signiﬁcant increase in the penetration length; it only increased slightly, from 338 lm with
the addition of 1 at.% Sn to 380 lm with the addition of

5 wt.% (6.7 at.%) Sn (Fig. 8f vs. g; Fig. 9). The origin of this
diﬀerence in the concentration dependence of the impurity
eﬀect for adding Mn vs. Sn will be explained in Section 4.4.
Similar to the case of adding Mn, an EDX analysis also
showed the rejection of Sn from Bi-based liquid and diﬀusion of Sn into solid Ni grains (Fig. 12). Furthermore,
Ni3Sn precipitates were also found in the liquid region
(e.g. point B in Fig. 12; we measured eight precipitates,
all of which had compositions of 25 at.% Sn–75 at.% Ni,
with errors of ±1 at.%).
Finally, the addition of 1 at.% Fe to the 1Bi–0.36Ni
liquid resulted in an 10-fold increase in the liquid penetration length, from 31 to 292 lm, and adding a large
amount of Fe (5 wt.% Fe, i.e. 1Bi–0.36Ni–0.21Fe) further
increased the penetration length slightly to 337 lm
(Fig. 8a vs. i vs. j; Fig. 9). The measured penetration
lengths in both cases were similar to the cases of adding
Sn; however, the intergranular penetration morphologies
were diﬀerent; in particular, the solid–liquid interfaces were
rough (Fig. 13a). An EDX analysis (Fig. 13) revealed that
the liquid did not contain any detectable amount of Fe and
the added Fe impurity formed Fe–Ni solid solution precip-
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Fig. 8. The eﬀects of the addition of impurities in the liquid on the intergranular penetration of pure (99.9945%) Ni. Representative cross-sectional SEM
images for specimens penetrated by (a) and (b) a Bi + 0.36Ni liquid without other impurities (as the reference) vs. Bi–0.36Ni liquids with the addition of
diﬀerent amounts of (c)–(e) Mn, (f)–(h) Sn and (i)–(k) Fe, respectively. The initial liquid compositions are labeled. All specimens were annealed at 700 °C
for 5 h.

Fig. 10. Eﬀects of adding a substantial amount of Mn to the 1Bi–0.36 Ni
liquid on the penetration of pure Ni specimens annealed at 700 °C for 1
and 5 h.

Fig. 9. Eﬀects of the impurity addition in the Bi–Ni liquid on the
penetration length in the pure (99.9945%) Ni specimens after annealing at
700 °C for 5 h. Representative SEM images are shown in Fig. 8. The
causes for the diﬀerent behaviors observed are discussed in Section 4.4.

itates. The underlying thermodynamics and kinetics that
led to the formation of this diﬀerent morphology/microstructure will be discussed in Section 4.4.

4. Discussion
4.1. Intergranular penetration in the Ni–Bi binary system
Let us ﬁrst discuss the GB wetting in the Ni–Bi binary
system. Using a Miedema-type “macroscopic atom” model
that were formulated by Benedictus et al. [42,43] and modiﬁed by Shi and Luo (to consider a reference state set by the

K.M. Asl, J. Luo / Acta Materialia 60 (2012) 149–165

157

Fig. 11. (a) A representative cross-sectional SEM micrograph of the intergranular penetration of a pure Ni specimen by a Bi–0.36Ni–0.20Mn liquid at
700 °C for 5 h. (b) EDX spectra of four selected regions in (a). See discussion in Section 4.4.

binary liquid) [32], the solid–liquid interfacial energy for
the interface between the solid Ni and the equilibrium
1Bi–0.36Ni liquid (i.e. 73.5 at.% Bi + 26.5 at.% Ni) is estimated as:
 Ni 2
DH interface
H fuse
1:9RT
Ni in Bi F Bi
Ni
cSL 
þ
þ
2=3
2=3
2=3
C 0 V Ni=Bi
C 0 V Ni
C 0 V Ni
ðEnthalpicÞ

ðInteractionÞ

ðEntropicÞ

2

¼ 0:12 J m ;
H fuse
Ni

ð1Þ
DH interface
NiinBi
8

where
is the fusion enthalpy of Ni,
is the enthalpy of solution of Ni in Bi, C0  4.5  10 , V is the molar volume, R is the gas constant and F Ni
Bi represents the
“area” fraction Ni–Bi bonds at the interface deﬁned in
Refs. [32,42,43]. The above equation assumes, for simplicity, no near-interface adsorption and ordering. The average
excess free energy for a “clean” Ni GB (without any
adsorption) can be estimated as [32]:
ðNi;0Þ

cGB

1
1 H vap
Ni
 csurface
¼ 
¼ 0:82 J m2
Ni
3
3 C 0 V 2=3
Ni

ð2Þ

The above value is close to the experimentally estimated
average GB energy of 0.92 J m–2 (at 700 °C) for a
99.999 wt.% pure Ni [44]. Since

ðNi;0Þ

cGB

> 2  cSL

ð3Þ

complete wetting might (though in reality did not) occur at
GBs. It is important to point out that Eq. (3) is a necessary
though not suﬃcient condition for complete GB wetting to
occur (since there is signiﬁcant confusion on this wetting
condition in the literature). This is because that the Gibbs
adsorption theory tells us that, at a chemical equilibrium,
the adsorption of the liquid element (Bi) can signiﬁcantly
reduce the actual (equilibrium) GB energy:
ðNi–Bi;eq:Þ

cGB

< cNi;0
GB

ð4Þ

For a case of complete GB wetting, a GB is replaced by
two solid–liquid interfaces; thus, if complete GB wetting
ðNi–Bi;eq:Þ
occurred, we would have cGB
 2cSL by deﬁnition.
However, in this case, the observation in Fig. 1a clearly
shows that complete GB wetting did not occur. The average equilibrium GB energy (for general GBs with Bi
adsorption at the saturated levels, where the bulk chemical
potential was deﬁned by the equilibrium 1Bi–0.36Ni liquid)
can be estimated by the Young equation:
 
h0
ðNi–Bi;eq:Þ
cGB
¼ 2cSL  cos
ð5Þ
 0:22 J m2
2
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Fig. 12. (a) A representative cross-sectional SEM micrograph of the intergranular penetration of a pure Ni specimen by a Bi–0.36Ni–0.10Sn liquid at
700 °C for 5 h. (b) EDX spectra of ﬁve selected regions in (a). See discussion in Section 4.4.

Here, we assume that the average dihedral angle of 44.7° in
the Ni–Bi system, where the intergranular penetration was
not “ﬁnger like” as shown in Fig. 1a, represents the equilibrium (instead of the dynamic) dihedral angle (see discussion
below [45]). Although the above estimates may not be very
precise (because the Miedema-type models are generally
more accurate for cases where both elements are transition
metals), they indicate that the adsorption of Bi at GBs signiﬁcantly reduced the GB energy. This is consistent with the
recent observation (using aberration-corrected HAADF
STEM) that bilayer adsorption of Bi occurs at all general
GBs in front of the liquid penetration tips [30]; this high level of adsorption should lead to a great reduction in GB energy according to the Gibbs adsorption theory.
Several models have been proposed for intergranular
liquid penetration in a polycrystalline solid. A classical

model treated intergranular penetration as an analogy to
thermal grooving and extended the Mullins model [46,47]
by replacing the vapor phase with a liquid phase. This
model assumes that the material transport is driven by capillary forces and controlled by diﬀusion in the liquid phase,
and ignores the eﬀects of GB diﬀusion. The time-dependent
groove (penetration) length, L, is given by:

1=3 1=3
L ¼ ð1:01cot h=2ÞÞ DL cSL C 1L X2 =k B T
t ;
ð6Þ
where DL is the bulk diﬀusivity of the solid element in the
liquid metal, C1L is the solubility of the solid element in
the liquid metal, cSL is the solid–liquid interfacial energy,
h is the dihedral angle, kB is the Boltzmann constant, T is
temperature, X is the atomic volume and t is time. Vogel
and Ratke [48,49] pointed out that the shapes of experimentally observed intergranular penetration channels can
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Fig. 13. (a) A representative cross-sectional SEM micrograph of the intergranular penetration of a pure Ni specimen by a Bi–0.36Ni–0.20Fe liquid at
700 °C for 5 h. (b) EDX spectra of three selected regions in (a). See discussion in Section 4.4.

be diﬀerent from the Mullins-type grooves, and they developed an improved numerical model to consider the eﬀects
of GB diﬀusion. Rabkin [50] proposed that a coherency
strain could be responsible for the formation of non-Mullins grooving morphology or the so-called “ﬁnger-like”
penetration channels; more recently, Klinger and Rabin
demonstrated that the dependence of GB energy on composition and the Kirkendall eﬀect during GB interdiﬀusion
could generate tensile stresses that facilitate rapid intergranular penetration as well as intergranular fracture
[51,52]. Glickman and Nathan [45] proposed that “ﬁngerlike” intergranular penetration resulted from a mechanical
inequilibrium at the penetration tip (triple line), where the
dihedral angle could not achieve its equilibrium value when
the equilibrium dihedral angle approached to zero
(h0 ! 0); thus, a dynamic dihedral angle (hd > h0) developed. In this model, the imbalance force at the penetration

tip causes stress-driven GB self-diﬀusion, and the timedependent penetration length is expressed as:
(
,
)

2
cosðhd =2Þ
2
2
X DL cSL C 1L Z 2 KT ðDgb Þ t;
L ¼ ðcgb Þ 1 
cosðh0 =2Þ
ð7Þ
where Z is the characteristic distance between dislocations.
The grooves observed in this study in the Ni–Bi binary
system (in the “pure” binary system) were Mullins like. A
typical groove is shown in Fig. 1a. A linear ﬁtting of the
double logarithmical plot of the penetration length vs. time
produced an exponent of n  0.6 (L / tn). This ﬁtted exponent was between those predicted by the Mullins model
(n = 0.33) and by the Glickman–Nathan model (n = 1).
Thus, some signiﬁcant GB diﬀusion would likely have
occurred and modiﬁed the classical Mullins behavior.
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that our speciﬁc case is diﬀerent from the Rice–Wang
model for GB embrittlement [55] or the stress corrosion
cracking model [56], so we cannot adopt those derivations/analyses directly). When a third impurity, M (such
as Mn, Fe or Sn), is present in the Ni–Bi binary system,
it will be adsorbed (segregate) at both GBs and solid–liquid
interfaces. Let us ﬁrst consider the dilute solution limit
where the amount of M is small, so that it does not cause
an interfacial structural transition and the number of the
interfacial (GB) adsorption sites can be considered as ﬁxed.
Applying the Guttmann model for the adsorption of M at
the solid–liquid (S–L) interface in the Ni–Bi–M ternary system gives [57]:
ðS–LÞ

XM

ðS–LÞ

Fig. 14. Schematic illustration of the proposed mechanism for the
observed impurity enhanced the intergranular penetration.

There are limited data on the kinetics of grooving in literature for this system; the reported exponent varied from 1
(linear) [53] to 0.5 (parabolic) [54] and 0.2 [1]. Speciﬁcally, a
recent study [1] conducted on the same system at the same
temperature gave an exponent of 0.2. This diﬀerence
might have resulted from a relatively higher impurity level
of C of the Ni used in that experiment [1]. We should also
recognize that the penetration kinetics could be diﬀerent in
the multiple-grain region when the penetration length
exceeds one grain size (75 lm). However, the penetration
length vs. time curve shown in Fig. 1d does not exhibit a
signiﬁcant change in the kinetic exponent.

X Ni

XM

e
ðsolidÞ

ðS–LÞ
DG
M
kT

X Ni

ðsolidÞ

 XM



ðS–LÞ
DG
M
kT

ð8Þ

ðlocationÞ

is the atomic fraction of A (A = Ni, Bi or
where X A
M) in “(location)”, where “(location)” can be “solid”,
“solid–liquid (S–L) interface” or “GB”. At the dilute soluðsolidÞ
ðsolidÞ
tion limit, X M
 1 and X M
 1; thus, the adsorption
ðSLÞ
ðSL;0Þ
ðSLÞ
(segregation) free energy (DGM
¼ DGM
 aX Bi ,
where a is a parameter characterizing the dependence of
adsorption energy on the interfacial composition) can be
ðSLÞ
considered as a constant (X Bi  constant). Note that
SL
DGM is negative for the case where M is enriched at the
interface in the current deﬁnition [57].
The solid–liquid interfacial energy will decrease with the
adsorption of M according to the Gibbs adsorption
isotherm:
h
i
ðsolidÞ
dcSL  CM dlM  CM kTd ln X M
ðsolidÞ

4.2. Impurity eﬀects on intergranular penetration in the
dilute solution limit
Perhaps the most noteworthy observation of the present
study is the signiﬁcant impurity eﬀects on enhancing the
intergranular penetration. Here, we propose to explain this
impurity eﬀect based on the assumption that adsorption of
an impurity can reduce the solid–liquid interfacial energy
faster than the GB energy because the segregation energy
is generally more negative at the solid–liquid interface; this
proposed mechanism is schematically illustrated in Fig. 14
and is elaborated on below. Note that this concept in our
model follows a similar idea to that proposed in the
Rice–Wang model [55] for GB embrittlement, that the
reduction in GB cohesion is because the surface segregation energy is greater (more negative in the convention used
below) than the GB segregation energy. In a recent article
[56], Glickman also used a somewhat similar mechanism to
explain the “alloying eﬀect” in enhancing stress corrosion
cracking in liquid metals or aqueous solutions (by arguing
that an alloying element is “a strong surfactant” that
reduces the cSL [56]).
Here, we derive the relevant equations based on the
Guttmann-type adsorption theory for the dilute solution
limit and illustrate the basic underlying concepts (noting

ðsolidÞ

¼

ðS–LÞ

 C0

ðS–LÞ

XM

kT

dX M

ðsolidÞ

XM

ð9Þ

;

We assume here that the dilute solution follows Henry’s
ðsolidÞ
ðS–LÞ
law ðlM ¼ kT lnðKX M Þ, where K is a constant). C0
is the number of adsorption sites at the solid–liquid interðS–LÞ ðS–LÞ
ðS–LÞ
facial phase (CM  C0 X M , assuming that C0
is
roughly a constant and the molar fractions of M in the
bulk phases are negligible). Combining Eqs. (8) and (9)
produces:
dcðSLÞ

ðS–LÞ

¼ C0

ðsolidÞ

dX M

ðsolidÞ

XM

ðS–LÞ

X Ni kT  e

ðS–LÞ
DG
M
kT

:

ð10Þ

!0

Similarly, we can derive the following equation for the
impurity eﬀect on changing GB energy for the dilute solution limit:
dcðGBÞ

ðGBÞ

¼ C0

ðsolidÞ

dX M

ðsolidÞ

XM

ðGBÞ

X Ni kT j  e

ðGBÞ
DG
M
kT

:

ð11Þ

!0

The equilibrium dihedral angle is deﬁned by the Young
equation:
 
h0
c
cos
ð12Þ
¼ GB :
2
2  cSL
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Diﬀerentiating Eq. (12) and incorporating Eqs. (10) and
(11) gives:
dh0
ðsolidÞ

dX M
(

ðsolidÞ

XM

!0

"
#)
 
1
dcGB
h0
dcSL
¼
 ðsolidÞ þ 2 cos
2 dX ðsolidÞ
sinðh0 =2Þ  cSL
dX M
ðsolidÞ
M
X M !0
"
ðGBÞ
DG
kT
M
ðGBÞ ðGBÞ
¼
C0 X Ni  e kT
ðsolidÞ
ðX M ¼0Þ
sinðh0 =2Þ  cSL
 
h0 ðS–LÞ ðS–LÞ DGmðS–LÞ
 2 cos
C0 X Ni  e kT
ð13Þ
2

The above equation can be rewritten as:
(
)
ðGBÞ
½G
½GðS–LÞ
M
M
dh0
kT
¼ b1  1  b2  e
;
ðsolidÞ
dX M
ðsolidÞ
X
!0

ð14Þ

M

where
ðGBÞ

b1 

kT  C0

ðGBÞ

X Ni

e

ðGBÞ
DG
M
kT

ðX ðsolidÞ ¼0Þ
sinðh0 =2Þ  cSL M

ð15Þ

and
b2  cos

 
ðS–LÞ
ðS–LÞ
h0
2C
X
 0GB  Ni
ðGBÞ
2
C0
X Ni

ð16Þ

are two parameters. Since b2 is a dimensionless number on
the order of one, the equilibrium dihedral angle will decrease with the addition of a small amount of M if the segregation free energy is signiﬁcantly more negative at the
solid–liquid
interface
than
the
GB
(i.e.
ðS–LÞ
ðGBÞ
f½DGM
 ½DGM g=ðkT Þ is a signiﬁcant positive
number; again, note that in this deﬁnition DG is negative
for a case of positive interfacial segregation).
In an analogous case of GB embrittlement (reduction in
GB cohesion by impurity adsorption/segregation), Rice
and Wang [55] showed that, for most (but not all) cases,
ðsurfaceÞ
ðGBÞ
f½DGM
 ½DGM g is positive and signiﬁcant
(around
50–100 kJ mol–1
for
many
cases,
i.e.
ðsurfaceÞ
ðGBÞ
f½DGM
 ½DGM gðkT Þ is in the range of 6–12 at
T = 1000 K). Rice and Wang also explained the origin of
ðsurfaceÞ
GB embrittlement based on the fact that ½DGM
is
ðGBÞ
generally greater than ½DGM , so the segregation will
reduce the surface energy more than the GB energy, which
in turn will reduce the cohesion energy.
In the current case, there are no experimental data or
reliable models to estimate the segregation energy of a third
impurity (such as Mn, Sn and Fe) in the Ni–Bi–M ternary
systems. Our experiments have shown that, in the impure
Ni, the apparent average dihedral angle reduced from
44.7° to 5°, as shown in Figs. 5 and 7c and d. This
ðS–LÞ
reduction in the dihedral angle suggests that ½DGM
is
ðGBÞ
also greater than ½DGM . A prior study [30] showed that
a bilayer adsorption of Bi occurs at general GBs in the Ni–
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Bi binary system at 700 °C; hence, the chemical environments of the M segregants should be similar at the GB
and solid–liquid interface. However, M segregants might
have higher energy states at the GB because of the conﬁnement and the ordering [30], which make it more diﬃcult to
relax the strain energy and cause structural frustration.
ðGBÞ
This should lead to a general smaller value of ½DGM
ðGBÞ
than ½DGM
for many (but perhaps not all) impurities,
which is analogous to the case of GB embrittlement and
the Rice–Wang model. This should reduce the average
equilibrium dihedral angle and enhance the intergranular
penetration with the impurity addition in general, though
exceptions can certainly exist. This proposed mechanism
is illustrated schematically in Fig. 14.
Both the Mullins model (Eq. (6)) and the Glickman–
Nathan model (Eq. (7)) suggest that a reduction in the
equilibrium dihedral angle (h0) will increase the intergranular penetration length. Speciﬁcally, in the Mullins model,
the penetration length would increase by 4.7 and 9.5 times
if h0 was reduced from 44.7 to 10 and 5°, respectively; this
is consistent with our experimental observation of an 6fold increase (Fig. 4b), though we should point out that
the penetration tips in the impure Ni were more “ﬁnger
like”, indicating the intergranular penetration may diﬀer
from the Mullins model (where the GB diﬀusion likely contributed substantially). More critical and quantitative
assessments of current observations are not feasible at this
time.
4.3. Further considerations: interfacial phase (complexion)
and GB diﬀusion
Recent studies have revealed the existence of nanoscale
impurity-based GB phases, particularly the “equilibriumthickness” intergranular ﬁlms in ceramic materials [26–
28,58–62]. More recent studies also uncovered the existence
of impurity-based GB phases in binary metallic systems
such as W–Ni [31,33,34] and Mo–Ni [32,38,39]. Similar
impurity-based interfacial phases have also been found
on free surfaces [27,63–68] and at phase boundaries
[26,69–75]. A series of other discrete GB “complexions”
(i.e. interfacial phases), such as monolayers, bilayers and
trilayers, have been observed [18–21,23–25,76]. Speciﬁcally,
a bilayer interface phase has been ubiquitously observed at
general GBs in the Ni–Bi binary system [30].
We should note that the above analysis of the impurity
eﬀects on the equilibrium dihedral angle and intergranular
penetration was based on the dilute solution limit, where
we assume that the amount of the third impurity is so small
that it would not induce a transition in the atomic-scale
interfacial structure. The presence of a moderate amount
of a third impurity can further induce a change in the
atomic-scale interfacial structural transition (i.e. a complexion transition), which may lead to more diversiﬁed
and complex interfacial behaviors than that discussed in
the previous section for the dilute solution limit. The observation made in this study will likely simulate future studies
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to take on a highly challenging job to seek and characterize
such atomic-scale interfacial structural transitions.
In addition to the interfacial energies and the equilibrium dihedral angle (thermodynamic quantities), another
factor to consider is that adding impurities can aﬀect the
intergranular penetration kinetics by changing the transport rates, particularly the GB diﬀusivity. A prior study
[44] measured the GB diﬀusivities of a 99.999 wt.% Ni
and a 99.96 wt.% Ni (where the four major impurities are
Mn, Fe, Cu and Si, being similar to our “impure Ni”),
and showed that the presence of these impurities reduced
GB diﬀusivities signiﬁcantly. This appears to suggest that
these impurities should not enhance intergranular penetration via increasing the GB diﬀusion rates. However, we
have to recognize that our case is diﬀerent because of the
presence of a Bi-rich liquid, which induced a GB structural
transition that led to the formation of a Bi-based bilayer
interfacial phase at all general GBs in the Ni–Bi binary system [30]. The addition of other impurities could further
change the interfacial structure and the associated diﬀusion
rates; this will be the subject of a future study.
4.4. Eﬀects of bulk equilibria: dissolution, precipitation,
diﬀusion and stress generation
When the initial liquid used was pure Bi, instead of the
equilibrium 1Bi–0.36Ni, the intergranular penetration was
more signiﬁcant. This can be attributed to a dissolution
eﬀect, i.e. Ni dissolved from the solid into the Bi-rich liquid
until the equilibrium 1Bi–0.36Ni composition was reached.
Speciﬁcally, when the pure (99.9945 at.%) Ni was used, the
application of the initially pure Bi resulted in only a moderate increase in the penetration length (by 23%) for the
annealing time of 5 h. When the impure (99.5 at.% Ni)
was used, the application of the initially pure Bi resulted
in wider and uniform liquid channels (Fig. 4c vs. Fig. 6b)
as well as a much more signiﬁcant increase in the penetration length (Table 1 and Fig 6c). This diﬀerence can be
understood from the much smaller dihedral angle (5°)
in the impure (99.5 at.%) Ni; thus, the penetration channels
were more “ﬁnger like”, with an almost constant width at a
particular time, and the channel width grew over time
(Fig. 7).
When a third impurity element (Mn, Sn or Fe) was
added to the 1Bi–0.36Ni liquid, the intergranular penetration was also signiﬁcantly increased (Figs. 8 and 9), which
was similar to the case where the impurities were present in
the solid Ni (Fig. 4). However, the morphologies of the
intergranular penetration were diﬀerent (Fig. 8 vs.
Fig. 4). The diﬀerent intergranular penetration kinetics
and morphologies can be fully explained by considering
the bulk phase/chemical equilibria (which generate transport processes and stress, as we will discuss subsequently)
in conjunction with the segregation eﬀects discussed above.
To discuss the relevant microstructural evolutions, we
sketch the key features of the 700 °C isothermal sections
of the three ternary phase diagrams for Ni–Bi–M

Fig. 15. Schematic sketches of the key features (that are relevant to our
experiments) in the isothermal sections of the (a) Bi–Ni–Mn, (b) Bi–Ni–Sn
and (c) Bi–Ni–Fe ternary phase diagrams at 700 °C. Liquidus (blue
dashed), solidus (red solid) and tie (dotted) lines are also shown. (For
interpretation of the references to color in this ﬁgure legend, the reader is
referred to the web version of this article.)
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(M = Mn, Sn or Fe) in Fig. 15. Note that there are no
available measured or computed ternary phase diagrams
for these systems; thus, in Fig. 15 we sketch the key features that are relevant to our experiments, i.e. solidus, liquidus and tie lines, based on the binary phase diagrams as
well as our experimental observations, such as the SEM–
EDX results shown in Figs. 11–13.
Let us ﬁrst discuss the cases where Mn and Sn were
added singly to the liquid, since these two cases exhibited
many similarities (though with a key diﬀerence in the concentration dependence of the impurity eﬀects, which will be
discussed later). As shown in Fig. 15a and b, the Bi–Nibased liquid has signiﬁcant solubilities of Mn and Sn (i.e.
the ternary liquidus line starts from a Bi–Ni binary composition and ends at a Bi–Mn or Bi–Sn binary composition),
while the Ni-based solid face-centered cubic (fcc) phase has
only moderate solubility of Mn (up to 30 at.%) and Sn
(up to 5 at.%). Somewhat surprisingly, SEM–EDX analyses (Figs. 11 and 12) showed that Mn and Sn were (almost
completely) rejected from the Bi–Ni liquid (see points A in
Figs. 11 and 12) and dissolved and diﬀused into the Ni
grains (see points B and C in Fig. 11 and points C and D
in Fig. 12). These results clearly indicate that, at chemical/phase equilibria, both Mn and Sn tend to partition in
the Ni-based solid fcc phase instead of the Bi–Ni-based
liquid. Assuming that the Ni-based solid and Bi–Ni-based
liquid phases were in local equilibria at the solid–liquid
interfaces in Figs. 11 and 12, the corresponding tie lines
are labeled in the corresponding ternary phase diagrams
in Fig. 15a and b.
The repartitioning of Mn and Sn has two signiﬁcant
implications. First, it implies the existence of a kinetic process (in addition to the intergranular penetration) that has
transported the third impurity element (Mn or Sn) from the
Bi–Ni-based liquid phase into the solid–liquid interface,
where the impurity element has further dissolved and diffused into the Ni-based solid phase. This kinetic process
resulted in concentration gradients in the solid Ni phases,
which were veriﬁed by the SEM–EDX analyses (Figs. 11
and 12). Second, the dissolution of Mn or Sn into the Nibased solid fcc phase should lead to a volume expansion
of the solid phase and should generate compressive stresses/strains. This explains the diﬀerent intergranular penetration morphologies when Mn or Sn was added into the
liquid.
As shown in Figs. 8e and 11a (after adding Mn) and
Figs. 8h and 12a (after adding Sn), the “penetration fronts”
were parallel to the original specimen surfaces and no penetration tip was perpendicular to the specimen surfaces (in
contrast to the morphologies shown in Figs. 1 and 4). Presumably, such morphologies (Figs. 8e and h, 11a and (12a)
formed because they could release the compressive stresses
generated by the volume expansions associated with the
dissolution of Mn or Sn into the solid grains. Note that,
in the present case, Mn or Sn dissolved from the liquid
phase into the solid Ni grains, but the Ni did not dissolve
from the solid back into the liquid phase. This can be
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deduced from the phase diagrams in Fig. 15 and veriﬁed
from the EDX analyses (Figs. 11 and 12); both showed that
the Ni/Bi ratio was unchanged, implying no dissolution of
Ni from the solid to the liquid phase. Thus, although Mn
and Sn are substitutional solutes in Ni, the dissolution
and diﬀusion of Mn or Sn from the liquid phase into the
Ni grains resulted in an increase in the solid volume
because of an increase in the total amount (number of
atoms) of the solid phase, which led to volume expansions
of the solid grains. Consequently, solid grains were spalled
oﬀ. Moreover, possible fast diﬀusion of impurities along
GBs could generate local stresses that further facilitate
the precipitation of grains. Finally, the grains precipitated
in the liquid phase could be rearranged and organized
due to capillary forces, which are shown in Figs. 8e and
11a (after adding Mn) and Figs. 8h and 12a (after adding
Sn).
In contrast, in the case of penetrating impure Ni foils
with initially pure Bi, uniform intergranular penetration
channels (with constant widths) are observed in Fig. 7,
which likely resulted from the dissolution of Ni into the
liquid, which led to a reduction in the volume of solid Ni
grains.
Figs. 8 and 9 also illustrate a key diﬀerence in the penetration behavior of Mn vs. Sn when added to the liquid. On
the one hand, adding a small amount (1 at.%) of Mn in the
liquid enhanced the intergranular penetration only moderately (by 3-fold), while adding a large amount (5 wt.%)
enhanced it signiﬁcantly more (by 17-fold). On the other
hand, adding just a small amount (1 at.%) of Sn enhanced
the intergranular penetration signiﬁcantly (by 11-fold), and
adding a larger amount (5 wt.%) did not enhanced the penetration much further (by 12-fold only). This can be
explained from the fact that the solubility limit of Sn in
Ni is only 5 at.%, whereas that of Mn in Ni is 30 at.%
(Fig. 15). It is well established that the GB enrichment ratio
ðGBÞ
ðsolidÞ
ðGBÞ
ðbenrich  X M =X M
 expðDGM ÞÞ is inversely proportional to the solid solubility limit [77,78], and a similar
relation may also apply for other types of interface. This
suggests that the GB and interfacial segregation is only
moderate for Mn. Thus, adding a small amount of Mn
had only a moderate eﬀect in enhancing the intergranular
penetration via a reduction in the equilibrium dihedral
angle based on the mechanism proposed in Section 4.2,
and adding a greater amount of Mn further enhanced the
penetration. In contrast, the enrichment ratios were greater
for Sn segregation; thus, adding only a small amount of Sn
had a signiﬁcant eﬀect, and increasing the amount of Sn
added did not increase it much further because the segregation level was already close to saturation. Moreover, when
the Sn/Ni ratio was above 0.05, Ni3Sn particles precipitated (as observed by SEM–EDX; see Fig. 12, point B); this
was an additional (presumably secondary) cause for the
saturation of the enhancement eﬀect.
Finally, the mechanism for enhancing intergranular penetration via the addition of Fe to the Bi–Ni liquid is somewhat diﬀerent from the other cases. On the one hand, the
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solid solubility limit of Fe in Ni is as large as 88 at.%
(Fig. 15c), indicating weak Fe segregation at GBs or interfaces (because benrich is inversely proportional to the solid
solubility limit [77,78]). Thus, the mechanism proposed in
Section 4.2 should be less eﬀective. Consistent with this,
the average dihedral angle for this case was measured to
be 38.7° (with an associated standard deviation of
11.8°; Fig. 8k), which was close to the average dihedral
angle of 44.7° measured for the Bi–Ni binary system without the addition the Fe. On the other hand, the solubility of
Fe in Bi–Ni is very low (Fig. 15c). Thus, when Fe was
“added” to the Bi–Ni liquid, it actually precipitated out
as solid particles in the liquid. These solid precipitates consumed some Ni from the liquid, resulting in a chemical
potential gradient for Ni, which caused some of the Ni
from the Ni grains to dissolve in the liquid. The preferential
dissolution of solid Ni at GBs enhanced the intergranular
penetration. The observation of rough solid–liquid interfaces (Fig. 13a) and the gradual narrowing in the width
of the intergranular liquid channels (Figs. 8i, j and 13a)
support this proposed mechanism.

(4)

(5)

(6)

5. Concluding remarks
In summary, the eﬀects of adding additional (third and
beyond) impurities on the intergranular liquid metal penetration of a solid polycrystalline metal was systematically
investigated using Bi–Ni-based systems as models. A
framework for understanding such impurity eﬀects was
developed. The variety of intergranular penetration kinetics and morphologies observed from our experiments,
which used 10 diﬀerent combinations of solid–liquid couples, could be explained well by the interplay of interfacial
segregation and wetting, bulk phase equilibria, dissolution,
precipitation and related transport processes, and the stress
generation associated with dissolution. The key conclusions are:
ðNi;0Þ

ðNi;0Þ

(1) Although cGB > 2cSL (where cGB is excess energy
for a “clean” GB) in the Ni–Bi binary system, the
Bi-rich liquid does not completely wet the Ni GB.
This is because the adsorption of Bi signiﬁcantly
ðNi–Bi;eq:Þ
ðNi;0Þ
reduces the GB energy ðcGB
< cGB Þ so that
ðNi–Bi;eq:Þ
cGB
¼ 2cSL cosðh0 =2Þ < 2cSL at the chemical
equilibration.
(2) The presence of minor impurities can signiﬁcantly
enhance the intergranular penetration. For example,
<0.5 at.% total impurities in the solid Ni could
increase the penetration length by six times when a
near-equilibrium Bi–Ni liquid was applied.
(3) A new analytical model has been derived for the
impurity eﬀect on changing the equilibrium dihedral
angle (which controls the penetration kinetics) for
the dilute solution limit. We recognize that a moderate amount of impurity may further lead to interfacial structural (phase) transitions; therefore, more

(7)

complex theories are needed and more complex penetration behaviors are expected beyond the dilute
solution limit.
When the initially pure Bi was applied, the intergranular penetration could be enhanced due to a dissolution eﬀect, and this enhancement could be magniﬁed
when it interacts with the impurity eﬀects.
When Mn or Sn was initially added to the liquid, it
was rejected from the liquid and dissolved and diffused into solid Ni grains. In addition to the normal
impurity eﬀects, this process generated compressive
stresses/strains because of the volume expansions,
which led to diﬀerent intergranular wetting and penetration morphologies.
The interfacial segregation of Mn is likely moderate.
Thus, adding a small amount (1 at.%) of Mn only
enhanced intergranular penetration moderately (by
3-fold), while adding a large amount (5 wt.%) of
Mn enhanced the penetration signiﬁcantly more (by
17-fold). In contrast, the interfacial segregation of
Sn is likely strong. Consequently, adding a small
amount (1 at.%) of Sn enhanced the penetration signiﬁcantly (by 11-fold), and adding a larger amount
(5 wt.%) of Sn did not enhance the penetration much
further (by 12-fold only) because the interfacial segregation was already close to the saturation level.
When Fe was “added” to the Bi–Ni liquid, it precipitated out as solid particles. These solid precipitates
consumed some Ni from the liquid and thereby
caused some Ni from the Ni grains to dissolve in
the liquid. This resulted in a signiﬁcant enhancement
of intergranular penetration, even though the interfacial segregation of Fe is likely weak. This diﬀerent
mechanism resulted in yet another type of morphology, including the rough solid–liquid interfaces and
the tapering of the intergranular liquid channels.

The basic concepts, model and framework developed in
this study (and summarized above) can be generalized to
explain the impurity eﬀects on intergranular liquid metal
penetration in polycrystalline solid metals in other materials systems.
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