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Abstract
Nickel-doped tungsten specimens were prepared with high purity chemicals and sintered. Although activated sintering starts more
than 400 °C below the bulk eutectic temperature, the nickel-rich crystalline secondary phase does not wet the tungsten grain boundaries
in the solid state. These results contrast with the classical activated sintering model whereby the secondary crystalline phase was presumed to wet grain boundaries completely. High resolution transmission electron microscopy and Auger electron spectroscopy revealed
the presence of nanometer-thick, nickel-enriched, disordered ﬁlms at grain boundaries well below the bulk eutectic temperature. These
interfacial ﬁlms can be regarded as metallic counterparts to widely observed equilibrium-thickness intergranular ﬁlms in ceramics.
Assuming they form at a true thermodynamic equilibrium, these ﬁlms can alternatively be understood as a class of combined grain
boundary disordering and adsorption structures resulting from coupled premelting and prewetting transitions. It is concluded that
enhanced diﬀusion in these thin intergranular ﬁlms is responsible for solid-state activated sintering.
Ó 2007 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Solid-state activated sintering refers to the enhancement
of densiﬁcation caused by minor solid-state additives. A
well-known example is the accelerated sintering of tungsten
and other refractory metals (Mo, Nb and Ta) resulting
from the addition of less than 0.5 wt.% of transition metals
(e.g., Ni, Pd, Co, Fe and Pt), which can initiate below 60%
of the corresponding bulk solidus or eutectic temperatures
[1–15]. Since densiﬁcation occurs at low temperatures
where bulk diﬀusion is usually insigniﬁcant, grain boundary (GB) transport is generally implicated. In a phenome*
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nological model extended from liquid-phase sintering
theory [16], solid-state activated sintering was attributed
to the enhanced mass transport of the base material in an
‘‘activator’’ phase [1]. An eﬀective solid-state activator
should have high solubility and transport rate for the base
material and should remain segregated at GBs.
In principle, the solid-state activators can be (i) crystalline
secondary bulk phases that penetrate along the GBs, (ii)
Langmuir–McLean or truncated BET (Brunauer–Emmett–
Teller) type interfacial segregation/adsorption region without precipitation of a discrete phase or (iii) discrete nanoscale
interfacial phases that do not appear in bulk phase diagrams.
Although the phenomenon of solid-state activated sintering
has been studied over ﬁve decades [1–15,17,18], the exact nature of these solid-state activators and how they result in
enhanced sintering remain largely unknown.
Solid-state activated sintering has also been observed in
several ceramic systems [19–22]. A previous study [19]
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using Bi2O3-doped ZnO as a model ceramic system found
that approximately 1-nm thick amorphous ﬁlms form at
GBs and on some free surfaces well below the bulk eutectic
temperature, concurrently with the onset of accelerated sintering. Consequently, activated sintering in this system was
attributed to accelerated mass transport through these subeutectic, disordered, interfacial ﬁlms. These nanoscale
intergranular [23,24] and surﬁcial [25–28] ﬁlms are
‘‘quasi-liquid’’ layers that are stabilized at interfaces below
the bulk eutectic temperature, where phenomenological
similarities to the theories of premelting [29–32] and prewetting [33] exist. Recently, a similar solid-state activated
sintering mechanism caused by disordered GBs has been
inferred for another ceramic system [34,35].
Nickel-doped tungsten has been widely studied as a
model refractory metal system for activated sintering
[1,2,4,5,7–9,14]. In a classical model [1], the solid-state activator is presumed to be the secondary, crystalline, Ni-rich
phase which completely ‘‘wets’’ the tungsten primary phase
and penetrates along the GBs. However, the occurrence of
solid-state GB wetting has not been conﬁrmed.
On the other hand, the Ni-doped W system [1,2,4,5,7–
9,14] exhibits activated sintering and other characteristic
behaviors that are similar to Bi2O3-doped ZnO [19]. In sintered specimens, nickel was found to segregate at tungsten
GBs [4,36,37]. Radiotracer experiments indicated that
<1 at.% nickel addition can result in about a 103 times
increase in tungsten GB diﬀusivities and the existence of
a discontinuity in the Arrhenius plot of diﬀusivities [38],
suggesting the possible occurrence of a GB structural transition. Previous sintering experiments [4,9,10] also showed
that the optimal doping level is about the equivalence of
1 nm Ni coating on initial W particles and further addition beyond the optimal level does not generate additional
beneﬁts. These observations suggest that enhanced sintering occurs in a nanoscale interfacial phase for Ni-doped
W, akin to that observed for Bi2O3-doped ZnO [19]. Furthermore, a recent study [14] suggested that the solid-state
activated sintering of W is due to a GB roughening transition induced by Ni segregation, where the atomic level GB
structures have not been characterized. In a recent letter
[39], we reported the stabilization of nanometer-thick,
quasi-liquid GB layers in Ni-doped W well below the bulk
eutectic temperature. This study is motivated by the critical
need to investigate wetting and segregation behaviors in
Ni-doped W and to reveal the mysterious solid-state activated sintering mechanism in refractory metals.

The calcined powder was compacted without any binder
at approximately 80 MPa into cylindrical pellets of 6 mm
diameter and 4–5 mm thickness. The green pellets were sintered isothermally in a tube furnace ﬂowing N2 + 5% H2
for 2 h and cooled with the furnace shut down. The cooling
rate was measured to be 30 °C/min at 1400 °C.
The ﬁrst set of specimens were doped with 0.05, 0.1, 0.2,
0.3, 0.5 and 1.0 at.% nickel, respectively, and sintered at
1400 °C for 2 h. The second set of specimens were doped
with 1.0 at.% nickel and sintered at 1100 °C, 1150 °C,
1200 °C, 1250 °C, 1300 °C, 1350 °C, 1400 °C, 1450 °C and
1475 °C, respectively, for 2 h. Additionally, a tungsten specimen containing 20 at.% nickel was sintered at 1400 °C for
2 h for a solid-state wetting experiment. All specimens were
sintered in solid-state well below the bulk eutectic temperature of 1495 °C (Fig. 1) [40]. In order to probe the solid-state
densiﬁcation mechanism and avoid the eﬀects of ﬁnal stage
grain growth, we kept the ﬁnal densities below 90% of the
theoretical density. Thus, these experiments represent the
initial and intermediate stages of sintering.
The sintered specimens were examined by scanning electron microscopy (SEM, Hitachi S3500 and S4700) equipped
with energy dispersive X-ray analysis (EDX) detectors.
Specimens were either fractured or cut and polished. The
polished specimens were etched with HNO3:3HCl (boiling)
or H2O2 (hot) solutions. Grain sizes were measured by standard interception methods and the average intercept lengths
were recorded. The green and sintered densities were calculated based on measured weight and dimensions.
Auger electron spectroscopy (AES) was conducted to
measure the GB chemistry. A special ﬁxture was designed
to fracture the specimens in situ in the ultra high vacuum
(UHV) chamber of the scanning Auger microscope
(SAM, PHI 680). Since these specimens typically undergo
a brittle intergranular failure caused by GB embrittlement;
the fractured surfaces represent GBs. The specimens were
sputtered with an argon ion beam to obtain depth proﬁles.
Three spots were randomly selected for Auger analysis;
means and standard deviations were reported. The amount
of carbon and oxygen was monitored by Auger spectroscopy. In cases of substantial carbon contamination, which
occurred only occasionally (presumably, it is related to the

2. Experimental procedure
High purity tungsten powder (99.999%) with an average
size of 4–6 lm was purchased from Alfa Aesar (Ward Hill,
MA). To obtain a uniform nickel distribution, nickel chloride (NiCl2 Æ 6H2O, 99.9998%, Alfa Aesar) was dissolved in
methanol and mixed with the tungsten powder. The mixture was ﬁrst dried at 80 °C for 20 min and then calcined
in a tube furnace ﬂowing N2 + 5% H2 at 600 °C for 1 h.

Fig. 1. W–Ni phase diagram between 1100 °C and 2000 °C [40], in which
the positions of the specimens used in the study are schematically
illustrated. Several intermediate compounds form below 1060 °C, but
crystalline Ni and W are the only stable bulk phases between 1060 °C and
1455 °C. The solid solubility limit of Ni in W is approximately 0.3 at.% at
the eutectic temperature 1495 °C and 0.2 at.% at 1400 °C.
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adsorption and the release of the lubrication ﬂuid, which
was used in cutting specimens for Auger analysis, from
the pores in these specimens), new specimens or spots were
selected for re-testing. Self-supported discs of 3-mm diameter were cut for preparing transmission electron microscopy (TEM) specimens. These specimens were prethinned by a standard polishing and dimpling procedure,
followed by ion milling. Low incident angles were used to
minimize milling damage. High resolution transmission
electron microscopy (HRTEM) was conducted using a
400 keV microscope (JEOL 4000EX).
3. Results
3.1. Densiﬁcation and microstructure
The average green density is about 67–68% of the theoretical value. The relative density and grain size versus
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nickel dopant content for specimens sintered at 1400 °C is
shown in Fig. 2a, wherein each data point is an average of
three or more specimens. In this set of specimens, 1% densiﬁcation is observed for the pure tungsten specimen while
more than 20% densiﬁcation (to 89% of the theoretical
density) is achieved for specimens containing 0.5–1.0 at.%
nickel. The densiﬁcation rate increases monotonically with
increasing dopant percentage for specimens containing less
than 0.2 at.% Ni, and approaches a plateau for specimens
doped with 0.3 at.% or more Ni. A similar trend is also
observed for grain growth. The average intercept length
increases with the Ni content, from 2 lm for specimens
containing 0.05 at.% Ni to 10 lm for those containing
0.3 at.% Ni. The grain size shows little variation for specimens doped with 0.3–1.0 at.% Ni. The diﬀerence in porosity
for pure and doped specimens is clearly seen in SEM micrographs (Fig. 3a and b). Substantial neck and grain growth is
also evident in the Ni-doped W specimens (Fig. 3b).

Fig. 2. (a) Relative density (solid line) and grain size (dotted line) versus nickel content for specimens sintered at 1400 °C for 2 h. (b) Relative density and
grain size versus sintering temperature for 1 at.% Ni specimens sintered isothermally at 1100–1475 °C for 2 h. Error bars represent standard deviations.
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Fig. 3. SEM micrographs of (a) a pure W specimen sintered at 1400 °C, (b) a 1.0 at.% Ni-doped W specimens sintered at 1400 °C, and (c) and (d) 1.0 at.%
Ni-doped W specimens sintered at 1475 °C. Pore-boundary separation and precipitate-boundary separation are seen in (c) and (d), respectively. The inset
in (d) is an EDX spectrum indicating that the particle is the Ni-rich secondary phase. All specimens were sintered isothermally for 2 h. The specimens
shown in (a), (b) and (d) were fractured and the specimen shown in (c) was cut, polished and etched.

The relative density and grain size versus sintering temperature for 1.0 at.% nickel doped specimens is shown in
Fig. 2b. In this second set of specimens, which were sintered at 1100–1475 °C for 2 h, the relative density increases
with increasing sintering temperature from 79% at
1100 °C to 89% at 1400 °C. However, the sintered density
decreases slightly as the sintering temperature is further
increased above 1400 °C. The grain size is virtually the
same for the specimens sintered between 1100 °C and
1400 °C despite increasing density. Signiﬁcant grain growth
occurs at 1475 °C. The large grain size for specimens sintered at 1475 °C is clearly evident in the SEM micrograph
shown in Fig. 3c. Furthermore, signiﬁcant pore-boundary
separation and precipitate-boundary separation are
observed for specimens sintered at 1475 °C (Fig. 3c and
d), indicating a high GB mobility. Some pore-boundary
separation is also evident for specimens sintered at
1400 °C, but to a much lesser extent.

along GBs (Fig. 4). The dark particles in Fig. 4 are the
Ni-rich phase, which have been veriﬁed by EDX analysis.
Quantitative EDX analysis shows that these secondary

3.2. Solid-state wetting conﬁguration
To identify the solid-state wetting conﬁguration clearly,
a model experiment has been performed with a tungsten
specimen doped with 20 at.% nickel and sintered at
1400 °C for 2 h. The sintering density is 96% of theoretical density for this specimen containing excess nickel. The
secondary Ni-rich bulk phase does not wet and penetrate

Fig. 4. SEM micrograph of a fractured surface of a W + 20 at.% Ni
specimen sintered at 1400 °C for 2 h. The Ni-rich phase particles (labeled)
have darker contrast. The inset is an EDX spectrum of a point analysis
with a beam sitting on the Ni-rich phase particle; quantitative EDX
analysis showed that the Ni content of these particles represents the
equilibrium Ni-rich phase. The secondary nickel-rich phase does not
completely wet GBs; otherwise the dihedral angle (/) should be zero.
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Fig. 5. SEM images and Auger W/Ni maps for fractured surfaces of specimens sintered at (a) 1400 °C and (b) 1450 °C respectively. Both specimens
contain 1 at.% Ni and were sintered for 2 h. Auger compositional mapping was conducted after sputtering oﬀ the nanoscale segregation layers at fractured
GBs. The Ni-rich secondary phase is present at triple junctions in (b) but not in (a). The inset in the top right corner of (b) shows the triple-grain and fourgrain junctions in an expanded view.

phase contains 80 at.% Ni, which is consistent with the
composition of the Ni-rich crystalline phase in the phase
diagram (Fig. 1) [40] and indicates that a chemical equilibrium has been achieved in these specimens. The observed
(apparent) dihedral angles (/) projected on the fractured
surface are as high at 70° in Fig. 4. The real dihedral angle
(in the three-dimensional space) can be diﬀerent and should
be anisotropic, but it is reasonable to conclude that it must
be signiﬁcantly greater than zero. The Ni-rich secondary
phase is typically present as isolated particles at four-grain
junctions (i.e. they have four neighboring grains, even if
only three neighboring grains are typically observed in
SEM micrographs of fractured specimens).
Moreover, the Ni-rich secondary phase does not wet the
triple-grain junctions at 1400 °C. This is evident from the
SEM image in conjunction with high spatial resolution
Auger compositional maps (Fig. 5a) of W + 1 at.% Ni
specimens. To remove the eﬀect of nanoscale Ni segregation at fractured GBs, these specimens were brieﬂy sputtered with an argon beam before conducting the
compositional mapping. When the temperature is increased
to 1450 °C, the Ni-rich secondary phase wets triple-grain
junctions (Fig. 5b), but it still does not wet GBs.

GBs. The sputtering rate was calibrated to be 2 nm min1
for a SiO2 standard under the same sputtering conditions.
While a diﬀerent sputtering rate is expected for W–Ni,
the thickness of the segregation layer is likely to be on
the order of 1 nm. To quantify the relative thickness of
the segregation layer better, the Ni/W ratio versus sputtering time (XNi/W(t)) was ﬁtted with a generic exponentially
decaying function:


t
Ni=W
X Ni=W ðtÞ ¼ X 0
 exp 
ð1Þ
ss
where ss is a parameter representing the ‘‘sputtering time’’
or the ‘‘relative thickness of the segregation layer’’.

3.3. Grain boundary chemistry and structure
Ni/W ratios at fractured GBs were measured by Auger
electron spectroscopy (AES). Depth proﬁling was conducted by measuring the AES signals while sputtering the
fractured surfaces with an argon ion beam. A representative measured Ni/W ratio versus sputtering time is shown
in Fig. 6. Nickel is clearly segregated at the fractured

Fig. 6. Ni/W ratio versus sputter time for a W + 1.0 at.% Ni specimen
sintered at 1400 °C for 2 h. Error bars represent standard deviations. The
curve is ﬁtted with an exponentially decaying function. See text.
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Fig. 7. Ni/W ratio at fractured GBs and ﬁtted ss versus Ni content for
specimens isothermally sintered at 1400 °C for 2 h. Error bars represent
standard deviations.

The measured Ni/W ratio at the fractured GBs and ﬁtted ss for the ﬁrst set of specimens (0.05–1.0 at.% Ni, all
sintered at 1400 °C for 2 h) are shown in Fig. 7. The Ni/
W ratio is almost constant (0.18) for specimens containing P0.1 at.% nickel, but is signiﬁcantly lower for the specimen containing 0.05 at.% Ni (0.06). The sputtering time
(ss), which represents the relative thickness of the segregation layer, is virtually independent of the Ni content. These
results suggest that equilibrium segregation has been
achieved, because the segregation amount does not change
with the increasing fraction of the secondary Ni phase.
For the second set of saturated specimens (1.0 at.% Ni)
sintered at 1100–1475 °C, the measured Ni/W ratio at the
fractured GBs is almost a constant (Fig. 8). The ﬁtted sput-

tering time (ss), which represents the relative thickness of
the segregation layer, decreases slightly with increasing
temperature from 1100 °C to 1150 °C, and then increases
with increasing temperature up to 1400 °C. At 1450 °C
and 1475 °C, ss drops again. These results, although somewhat surprising, are consistent with the observed transitions in density and grain growth (Fig. 2b) as well as the
occurrence of a triple-grain junction wetting transition
(Fig. 5).
Fig. 9 shows HRTEM images of a representative GB in
a W + 1 at.% Ni specimen sintered at 1400 °C (i.e. 95 °C
below the bulk eutectic temperature). W lattice fringes
are not contiguous at the GB and a 0.6 nm thick intergranular ﬁlm is clearly identiﬁed. Despite indications of
some local order existing within the ﬁlm (Fig. 9d), the intergranular ﬁlm is not fully crystallized. The digital image
enhancement processes, including a background removal
using fast Fourier transform (FFT) pass band ﬁltering with
a (2 nm1) aperture plus some brightness and contrast
adjustments, have been used. These processes should not
disturb any ordered or disordered features of <2 nm. Both
unprocessed images (Fig. 9a and c) and processed images
(Fig. 9b and d) are shown.
An ion milling eﬀect has been observed; the Ni-enriched
intergranular ﬁlms are removed in the thinner region of
specimens near the hole (Fig. 10). The same ion thinning
eﬀect has been previously reported for the ZnO–Bi2O3 system [24]. On the other hand, simultaneously imaging of a
‘‘clean’’ GB and a nanometer-thick intergranular ﬁlm in
one micrograph (Fig. 10) signiﬁcantly reduces the problem
of imaging artifacts (e.g. Fresnel fringes).
4. Discussion
4.1. Solid-state activated sintering mechanism

Fig. 8. Ni/W ratio at fractured GBs and ﬁtted ss versus sintering
temperature. All specimens contain 1.0 at.% Ni and were sintered
isothermally for 2 h. Error bars represent standard deviations.

The observed enhanced densiﬁcation and neck growth in
W–Ni below the bulk eutectic temperature (Fig. 3b) reconﬁrms those reported in previous studies [1,2,5,8–11,17], but
the sintered densities are slightly lower. High purity and the
relatively large particle size of the powder used in this study
are presumed to be responsible for the relatively low rates
of densiﬁcation. On the other hand, the use of pure materials (99.999+ %) in this study signiﬁcantly reduces impurity eﬀects on lowering the eﬀective bulk eutectic
temperature. Additionally, the W–Ni system exhibits a simple eutectic phase diagram where only two bulk phases (fcc
(face-centered cubic) Ni and bcc (body-centered cubic) W)
are present in the phase diagram in the temperature range
1060–1455 °C (Fig. 1) [40], excluding the possibility of
forming a transient liquid phase. The pure nickel phase
melts at 1455 °C (Fig. 1), i.e. 40 °C below the bulk eutectic
temperature. Thus, the formation of a transition liquid
cannot be completely excluded near and above 1455 °C,
which may be related to signiﬁcant grain growth (Fig. 8)
or even the triple-grain junction wetting transition at
1450 °C (Fig. 5, considering the controlled temperature
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Fig. 9. (a) Original and (b) digitally enhanced HRTEM images of a 0.6-nm thick, disordered, GB ﬁlm in a W + 1 at.% Ni specimen sintered at 1400 °C.
The ﬁlm thickness is nearly constant along the GB. (c) Original HRTEM image of a selected segment of the long ﬁlm shown in (a) (which is indicated by
the dotted arrow in (a)), where the image is magniﬁed and rotated 45°. (d) Images of selected areas in (b) on an expanded scale. The digital enhancement
process includes a background removal using FFT pass band ﬁltering with a (2 nm1) aperture plus some brightness and contrast adjustments, which
should not disturb any features <2 nm.

Fig. 10. The ﬁlm was removed in the thinner section of specimen (that is closer to the hole). The same ion milling eﬀect was reported previously for
intergranular ﬁlms in Bi2O3-doped ZnO [24].

precision and uniformity are 5 °C for the tube furnace
used in the experiments). Nonetheless, this study unequivocally illustrates the nickel activated sintering of tungsten
without the presence of any stable or transient bulk liquid
phases for specimens sintered between 1100 °C and
1400 °C.
This study demonstrates that the Ni-rich, crystalline, secondary phase is not the solid-state activator as was previously suggested [1,4]. Fig. 4 clearly illustrates that the Nirich secondary bulk phase does not completely wet and penetrate along the GBs. The fact that the crystalline Ni phase
does not even wet the triple-grain junctions at 1400 °C

(Fig. 5a) indicates that the dihedral angle is >60°, which is
consistent with the direct observation in Fig. 4. The Ni-rich
crystalline secondary phase is present at four-grain junctions as isolated particles (Fig. 4) at and below 1400 °C
when activated sintering is signiﬁcant. Consequently, they
cannot be an eﬀective activator to facilitate densiﬁcation
in the solid state. It is therefore concluded that the solidstate activator should be an interfacial segregation layer
or a nanoscale interfacial phase. This conclusion is directly
supported by the Auger depth proﬁling results (Fig. 6),
which show that the equivalent thickness of nickel segregation layer is on the order of 1 nm.
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HRTEM showed that nanometer-thick disordered ﬁlms
form at GBs well below the bulk eutectic temperature
(Fig. 9). These nanoscale interfacial ﬁlms are likely to satisfy all prerequisites for being an eﬀective activator. They
segregate at GBs and likely have signiﬁcant solubility for
the base material (since the GB ﬁlms are a quasi-liquid
phase and the bulk eutectic liquid contains 20.7 at.% W
[40]). Furthermore, it is reasonably expected that such
quasi-liquid ﬁlms exhibit high excess free volume and can
provide a short-circuit diﬀusion path for the base material.
Consequently, the solid-state activated sintering in nickeldoped tungsten can be attributed to enhanced mass transport in these sub-solidus disordered interfacial ﬁlms.
The proposed sintering mechanism is also consistent
with the observed densiﬁcation versus nickel content
(Fig. 2a), in which the densiﬁcation rate remains steady
for specimens containing more than 0.3% nickel. This
demonstrates that excess nickel addition beyond what is
needed to form nanometer-thick interfacial ﬁlms does not
provide additional beneﬁts for sintering. It is not surprising
that the optimal doping level for activated sintering is
slightly greater than the solid solubility (0.2% Ni at
1400 °C [40]) because the formation of equilibrium interfacial ﬁlms requires the nickel to transport into the GB
region. Similar densiﬁcation versus nickel content has been
widely observed in previous studies [4,9,10] and is considered a universal characteristic of solid-state activated sintering of refractory metals.
It is generally believed that Langmuir–McLean or truncated BET type GB adsorption in metals will hinder GB
diﬀusion [41,42]. This argument is based on a rather intuitive premise: adsorbates ﬁll the open adsorption sites and
reduce the excess free volume at GBs, thereby reducing
the GB diﬀusivity. However, this study suggests an opposite trend at high temperatures: interfacial adsorption can
induce GB disordering near the bulk eutectic or solidus
temperatures, thereby creating more excess free volume
and enhancing GB diﬀusion.
4.2. Stabilization of sub-eutectic disordered intergranular
ﬁlms
It is imperative to discuss further the character and formation mechanism of these newly observed disordered
intergranular ﬁlms in Ni-doped W. These Ni-enriched
intergranular ﬁlms are likely to have become more ordered
during cooling. The fact that these intergranular ﬁlms
appear to be largely disordered in cooled specimens implies
that the high temperature GB cores must be even more disordered and perhaps wider. On the other hand, the high triple-grain junction wetting temperature (Fig. 5) in Ni-doped
W provided a unique experimental opportunity. For specimens annealed at 1400 °C, the secondary Ni-rich phase is
present as isolated particles (Fig. 5a). Without the continuous presence of a secondary phase at triple-grain junctions
as nuclei, it is diﬃcult for Ni to diﬀuse out or fully crystallize upon cooling; thus the GB chemistry and structure are

better preserved. Furthermore, these disordered intergranular ﬁlms are not a result of solid-state amorphization [43]
because no intermediate compound is present in the phase
diagram at 1400 °C (Fig. 1) [40].
Presumably, the formation of crystalline intergranular
phase is frustrated by high interfacial energies to create
two crystal-to-crystal hetero-phase interfaces. The stabilization of a sub-eutectic, quasi-liquid ﬁlm can be conceived
as if the increased free energy for forming the under-cooled
liquid ﬁlm is over-compensated by the reduction in interfacial energies upon replacing a high-energy GB with two
low-energy crystal–liquid interfaces (Fig. 11):
ðWÞ

DGamorph:  h < cgb  2ccl  Dc

ð2Þ

ðWÞ

where h is the ﬁlm thickness, cgb and ccl are the excess free
energy for the W GB and the crystal–liquid interface,
respectively, and DGamorph. is the volumetric amorphization energy for forming under-cooled liquid below the bulk
eutectic temperature.
In this case, DGamorph. should be positive. First, since the
Ni concentration in the W particles was zero before sintering (with Ni being added as a secondary phase), the Ni concentration in the W grains after the sub-eutectic isothermal
sintering should be equal to the bulk solid solubility limit
(if a chemical equilibrium has been achieved) or possibly
be below it (if an equilibrium has not been achieved). In
either case, DGamorph. is positive (see further elaboration
in Section 4.3). Second, the specimens have never been
heated above the bulk eutectic/solidus temperatures; thus,
it is unlikely that a bulk liquid phase has formed and been
retained in the specimens (excluding a possible reason for
zero DGamorph.). Finally, there are no intermediate compounds in the W–Ni binary phase diagram (Fig. 1) between
1060 °C and 1495 °C (one of the reasons that we selected
this model system in the ﬁrst place), thus excluding the possibility of forming a ‘‘transient liquid’’ or the occurrence of
solid-state amorphization (which are the other possible reasons for negative DGamorph.).
If these disordered intergranular ﬁlms form from mixing
and amorphizing the two equilibrium bulk crystalline
phases W(Ni) and Ni(W), DGamorph. is zero at the eutectic
temperature and can be estimated using the ﬁrst derivative
at ﬁnite undercooling:
DGamorph:  DS amorph:  ðT eutectic  T Þ

ð3Þ

where we deﬁne:

Fig. 11. Below the bulk eutectic temperature, a thin quasi-liquid layer can
be stabilized at grain boundaries if the increased free energy for forming
the undercooled liquid layer is over-compensated by the reduction in the
total interfacial energies.

V.K. Gupta et al. / Acta Materialia 55 (2007) 3131–3142

DS amorph: 

dðDGamorph: Þ
dT

ð4Þ
T ¼T eutectic

A previous experiment showed that the nickel-rich liquid
completely wets the tungsten GBs slightly above the bulk
eutectic temperature [44]. Thus, Dc should be greater than
zero and the stabilization of a sub-eutectic liquid ﬁlm can
be thermodynamically rationalized for an undercooling
range of:
0 < ðT eutectic  T Þ 6

Dc
h  DS amorph:

ð5Þ

Furthermore, tungsten exhibits a high GB energy
ðW Þ
(cgb > 1 J m2 at 1500 °C [45]), implying quasi-liquid ﬁlms
can be stabilized at GBs over a signiﬁcant range of undercooling. A rough estimation using a one-component
equation showed that the stabilization of a 0.6-nm thick
Ni liquid ﬁlm at an undercooling of 95 °C only requires a
reduction of 10% in the tungsten GB energy [39].
4.3. Related interfacial phenomena
Several well-known interfacial phenomena, namely
equilibrium-thickness intergranular ﬁlms in ceramics
[19,23,24,46–51], premelting [29–32], prewetting [33] and
multilayer adsorption [52–54], have features in common
with the present case. The basic observations of nanoscale
intergranular and surﬁcial ﬁlms have been recently
reviewed [51,55–58], among which a critical assessment
article [58] reviews and compares related nanoscale interfacial phenomena of premelting, premelting, frustrated-complete wetting, intergranular and surﬁcial amorphous ﬁlms
in ceramics, and their metallic counterparts, with the goal
of establishing a uniﬁed thermodynamic framework. Critical assessments of the present observations with respect to
other well-known interfacial phenomena and theories are
made in the following text.
The observed GB ﬁlms in Ni-doped W can be considered as metallic counterparts to equilibrium-thickness
intergranular ﬁlms (IGFs) that have been widely observed
in Si3N4 and other ceramic materials [19,23,24,46–51].
These IGFs can alternatively be understood to be quasiliquid layers which adopt an ‘‘equilibrium thickness’’ in
response to a balance among several speciﬁc interfacial
interactions that individually may act to thin or thicken
the ﬁlm [46,47] or multilayer adsorbates with compositions
and GB excesses set by the bulk chemical potentials [48,59].
We expect that the disordered GB ﬁlms in this binary
metallic system may follow a relatively simple combined
GB prewetting and premelting diﬀuse-interface model
[60]. On the other hand, IGFs in ceramics are in principle
more complex (because there are more interfacial forces,
e.g. electrostatic interactions, and a metastable equilibration is more likely), thereby resulting in more complicated
and diversifying interfacial behaviors. Some diﬀerences
between ceramic IGFs and their metallic counterparts are
expected. For example, the ﬁlm thickness may be divergent
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(approaching inﬁnity) at the bulk eutectic temperature in
Ni-doped W, since a complete GB wetting transition has
been observed slightly above the bulk eutectic temperature
[44]. For ceramic materials, however, nanometer-thick
IGFs in general persist into the solid–liquid coexistence
regime, where the presence of an attractive dispersion interaction of signiﬁcant strength is presumed to restrain the
unlimited thickening of the ﬁlm. Additionally, disordered
ﬁlms in non-glass-forming metallic systems are more likely
to order/crystallize during cooling. These are possible reasons why such disordered intergranular ﬁlms have not been
widely found in metals.
The stabilization of sub-eutectic disordered GB ﬁlms is
phenomenologically analogous to the theory of surface
melting or premelting [29–32], which refers to the formation of a thin, surface, quasi-liquid layer below the bulk
melting temperature in one-component systems. Convincing experimental evidence for surface premelting has been
obtained for ice [30,31] and lead [61]. Driven by the reduction of the interfacial energies, a quasi-liquid layer may
also be stabilized at GBs below the bulk melting temperature, known as GB premelting. In 1989, Hsieh and Balluﬃ
reported [62] an in situ hot-stage TEM experiment which
concluded that GB premelting is likely to occur for pure
Al, but only above 0.999Tmelting. Subsequently, exploration
in this area was greatly discouraged. The occurrence of GB
disordering transitions in Si [63,64] and fcc metals [65,66]
has also been suggested from molecular dynamics simulations. Nonetheless, the extent to which GB premelting
occurs in one-component materials remains controversial.
If these nanoscale intergranular ﬁlms in Ni-doped W
indeed formed in a thermodynamic equilibrium with the
two equilibrium bulk crystalline phases (which is likely
according to the discussions in Section 4.2 and the next
paragraph), they can be considered as ‘‘segregationinduced GB premelting’’ in two-component materials. In
principle, such disordered GB structures can occur over a
wider range of undercooling than the simple premelting
in one-component materials because GB disordering can
be enhanced by a concurrent segregation/adsorption.
Herein, a model should be developed from a generalization
of Cahn’s critical point wetting theory [33]. Prewetting and
critical point wetting theories [33] were initially proposed
for binary liquid systems exhibiting immiscibility and have
been conﬁrmed for organic systems [67] and Pb–Ga liquid
metal [68]. The observed Ni-enriched disordered ﬁlms at
tungsten GBs can be understood as a class of combined
GB disordering and adsorption structures resulting from
coupled GB premelting and prewetting transitions, where
a recently proposed diﬀuse-interface model [60] should be
applicable. Researchers also indirectly revealed possible
GB premelting/prewetting transitions in Bi-doped Cu
[18,69] and (Si, Zn)-doped Fe [18,70,71] by measuring
GB diﬀusivities and chemistry, which may correspond to
similar disordered GB structures.
According to conventional deﬁnitions, these nanoscale
intergranular ﬁlms in Ni-doped W can be considered in
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the prewetting/premelting regime if the bulk liquid phase is
thermodynamically unstable or DGamorph. in Eq. (2) is positive. Assuming the chemical potentials of the intergranular
ﬁlms are at least in a local equilibrium with the adjacent W
grains, the above conditions require that the Ni concentration in W grains (which is diﬀerent from the nominal overall composition) is lower than the metastable extension of
the solidus line (i.e. the concentration of metstable W(Ni)
alloy which is in equilibrium with the under-cooled liquid
phase). In the present case, the initial powders consist of
mechanically mixed pure W particles and Ni addition as
a secondary phase. During the isothermal sintering (in a
regime where only the W(Ni) and Ni(W) phases are stable),
some Ni must have been dissolved into the W grains/phase,
but it is unlikely that the Ni concentration in W grains
could go above the bulk solid solubility limit of Ni in W
(which is lower than the metastable extension of the solidus
line). Furthermore, additional Ni dopants beyond the bulk
solid solubility limit resulted in no further beneﬁts for densiﬁcation (Fig. 2a) and no signiﬁcant diﬀerence in Ni segregation at W GBs (Fig. 7). Hence, it is likely that a chemical
equilibrium has been achieved between the W(Ni) and
Ni(W) bulk phases and the intergranular ﬁlms. Although
EDX and Auger analyses do not have suﬃcient accuracy
to determine the Ni concentration in the W grains quantitatively (which should be approximately 0.2 at.% at
1400 °C [40]), EDX analysis showed that the W concentration in the Ni-rich secondary phase is close to the equilibrium value (Fig. 4).
If these disordered intergranular ﬁlms were in a local
equilibrium with oversaturated W grains containing Ni
concentrations that are higher than the metastable extension of the solidus line, they might still exhibit an equilibrium thickness as a result of a balance between several
attractive and repulsive interfacial forces. Equilibriumthickness IGFs in some ceramic materials may represent
similar situations. It is worthy noting that IGFs in ceramics
have also been observed to form under sub-solidus and
sub-eutectic conditions [24,72,73], where they may also be
considered in the prewetting/premelting regime with additional interfacial interactions (e.g. dispersion and electrostatic forces) that tune the ﬁlm thickness.
Furthermore, one may interpret the Ni-enriched, nanoscale interfacial ﬁlms as multiple adsorbed layers at GBs
from the viewpoint of adsorption. Gibbs adsorption theory
should apply. Inspired by Kikuchi and Cahn’s lattice-gas
model [74], Cannon recently suggested [59] the existence
of two distinct regions of GB adsorption: a well-known
Langmuir/BET segregation region that occurring at relatively low-temperatures, which is characterized by a ﬁxed
number of adsorption sites; and an interfacial prewetting/
premelting behavior occurring close to the bulk solidus
or eutectic temperatures, where GB adsorption promotes
GB disordering and creates new adsorption sites. These
two regions are characterized by the opposite temperature-dependence on GB excess. As shown in Fig. 8, the segregation amount decreases slightly with increasing

temperature initially (1100–1200 °C); this appears to be
consistent with classical segregation models where a thermally activated desorption is expected with increasing temperature, but the eﬀect is too small to draw a conclusion.
Above 1200 °C, the equivalent thickness of the segregation
layer appears to increase with increasing temperature, suggesting the occurrence of GB prewetting/premelting at
higher temperatures, where the adsorption causes GB disordering and creates additional adsorption sites. Ni/W
ratio at the GB core is almost independent of temperature
(Fig. 8), implying that the additional disordering/adsorption mainly occurs in the consecutive layers, i.e. the formation of a multilayer disordered GB core. Above 1450 °C,
the GB excess drops again, occurring coincidentally with
the occurrence of triple-grain junction wetting (Fig. 5)
and rapid grain growth (Fig. 2b), which is likely to be an
artifact caused by the increasing diﬃculty in preserving
GB chemistry during cooling (with continuous nucleation
sites at triple-grain junctions) as well as the moving boundary eﬀects. Since a complete GB wetting was evident at
1550 °C [44], it is reasonably expected that the ﬁlm thickness is divergent at the bulk eutectic temperature (Fig. 8).
However, in principle an attractive dispersion force still
exist and the GB wetting transition can be ﬁrst order
(meaning a discrete jump of ﬁlm thickness from a ﬁnite
value to inﬁnity). Further research using well-quenched
specimens or hot-stage TEM is in progress.
4.4. Other properties and systems
In a previous study [75], a minor addition of Ni was
found to promote rapid grain growth, which somewhat
contrasts with the classical theory of solute-drag to GB
migration. The rapid GB migration was also evident in this
study from the signiﬁcant pore-boundary and precipitateboundary separations (Fig. 3c and d). Close to the bulk
eutectic temperature, the GB mobility increases dramatically, resulting in signiﬁcant grain growth and a reduction
in the ﬁnal sintered density (Fig. 2b) owing to the trap of
pores inside the grains (Fig. 3c). This study implies a
non-classical type of solute eﬀect on GB migration, i.e. segregation enhances GB mobility by promoting GB disordering. Rapid GB migration associated with the formation of
prewetted or disordered GB ﬁlms has been conﬁrmed for
ceramic systems (Y2O3 + SiO2)-doped Al2O3 [72] and
Bi2O3-doped ZnO [76], and suggested for Ga-doped Al
[69]. This new mechanism should compete with the solute-drag eﬀect; signiﬁcant grain growth (Fig. 2b) can occur
if it overwhelms the solute-drag eﬀect. A competition
between prewetting and the solute-drag eﬀects to GB
mobility has been quantitatively assessed using Al–Ga as
a model system [77]. It should be noted that diﬀusioninduced grain boundary migration [78,79] may be another
reason for the observed rapid GB migration.
Similar solid-state activated sintering behaviors have
been demonstrated for a broad range of doped refractory
metals, e.g. W–Pt, W–Pd, W–Fe, W–Co and Mo–Ni
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(where the primary phases are underlined) [1–15,17,18]. In
general, densiﬁcation of refractory metals is strongly
enhanced with minor addition of a transition metal, typically at level of about 1-nm thick coatings on the original
powder. Enhancement of solid-state GB diﬀusion must
relate to some degree of GB adsorption and disorder, but
exactly what controls this behavior is not obvious. It is
unknown whether nanometer-thick disordered GB ﬁlms
form in all of these refractory metal systems. A recent study
identiﬁed an approximately 2-nm thick crystalline d-NiMo
compound layer at GBs in Ni-doped Mo specimens that
were sintered in the solid state and quenched [15]. As a
key diﬀerence between W–Ni and Mo–Ni, d-NiMo is an
equilibrium bulk compound phase at the typical activated
sintering temperatures for Ni-doped Mo. It is unknown
whether such intergranular layers in Ni-doped Mo are disordered at the sintering temperature and whether they exhibit an ‘‘equilibrium thickness.’’ Further investigations are
needed to revisit the activated sintering mechanism of these
refractory metals.
Additionally, activated sintering of refractory metals
constantly results in signiﬁcant GB embrittlement, which
may also relate to the unrecognized existence of such GB
layers. Finally, the presence of quasi-liquid GB ﬁlms
should also have a critical impact on a range of other
GB related properties, e.g. creep, corrosion and oxidation
resistance, at high processing or operating temperatures,
or at the room temperature if GB structure and chemistry
are partially preserved upon cooling.
5. Conclusions
Experiments using high purity W–Ni material as a
model two-component refractory metal system unequivocally conﬁrmed the occurrence of solid-state activated sintering. Densiﬁcation, grain growth and GB chemistry were
measured as a function of sintering temperature and nickel
content. The Ni-rich secondary bulk phase does not wet
and penetrate along GBs; furthermore, it does not wet
tungsten triple-grain junctions until 50 °C below the bulk
eutectic temperature. Thus, the Ni-rich bulk phase cannot
be an eﬀective solid-state activator for facilitating subeutectic densiﬁcation. HRTEM and AES revealed the stabilization of nanometer-thick, nickel-enriched, disordered
ﬁlms at GBs well below the bulk eutectic temperature.
Consequently, solid-state activated sintering is attributed
to enhanced mass transport in these disordered interfacial
ﬁlms.
These disordered GB ﬁlms in W–Ni can be regarded as
metallic counterparts to the widely observed equilibriumthickness intergranular ﬁlms or IGFs in ceramics. This
new observation is scientiﬁcally signiﬁcant because these
metallic IGFs can be used to validate a relatively simple
model, which can then serve as a basis for developing a
more complex model for IGFs in ceramics by adding extra
interfacial forces, e.g. electrostatic forces. This study, along
with several earlier studies of solid-state activated sintering

3141

in ceramic materials, demonstrated that bulk phase diagrams are not always accurate for predicting the stability
of nanoscale quasi-liquid interfacial ﬁlms and the occurrence of activated sintering.
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